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Understanding the Behavior of Advanced High-Strength Steels
Using Atom Probe Tomography
ELENA PERELOMA, HOSSEIN BELADI, LAICHANG ZHANG,
and ILANA TIMOKHINA
The key evidence for understanding the mechanical behavior of advanced high strength steels
was provided by atom probe tomography (APT). Chemical overstabilization of retained aus-
tenite (RA) leading to the limited transformation-induced plasticity (TRIP) effect was deemed to
be the main factor responsible for the low ductility of nanostructured bainitic steel. Appearance
of the yield point on the stress-strain curve of prestrained and bake-hardened transformation-
induced plasticity steel is due to the unlocking from weak carbon atmospheres of newly formed
during prestraining dislocations.
DOI: 10.1007/s11661-011-0782-0
 The Minerals, Metals & Materials Society and ASM International 2011
I. INTRODUCTION
THE current trend in the design of new cost-effective
steels is aimed to tailor the specific properties toward
their applications and, by this, to attain the enhanced
performance in service. However, to achieve this, an in-
depth understanding of the role of alloying additions
during various stages of steel manufacturing and service
life is required. Atom probe tomography[1–3] (APT) is a
technique that is very well suited for this task. It allows
three-dimensional characterization at the atomic level of
elemental partitioning between phases present in the
complex microstructures of steels[4–10] and segregation
of solute to the boundaries, interfaces, twins, and
dislocations,[8,10–16] as well as following of the evolution
of precipitation starting from the early stage of cluster
formation to the final stage of the equilibrium precip-
itates.[15–23]
In this work, we use as examples the application of
APT to two classes of steels: nanostructured bainitic and
transformation-induced plasticity (TRIP) steels. The
former ones were first developed by the group of
Professor Bhadeshia, Cambridge University,[6,24,25] for
applications in defense and construction, which are
required to possess extremely high strength and tough-
ness. These steels showed strength of ~2.5 GPa and
toughness of 30 to 40 MPa m1/2. These properties were
associated with the formation of 20- to 40-nm-thick
nanoscale bainitic ferrite (BF) plates with fine interlayers
of the retained austenite (RA) in the microstructure of
these steels due to incomplete bainite transformation in
the presence of high silicon content. APT was success-
fully used to study solute redistribution in these
steels.[8,9,18,26] However, to achieve this microstructure,
heat treatment for 24 to 48 hours or longer is required,
which makes these steels economically unviable for
many applications outside the heavy section products.
In addition, high C content poses a significant problem
for welding of this steel. Thus, efforts were made to
modify both the composition and processing schedules
of this class of steels, especially with the introduction of
deformation prior to isothermal heat treatment in order
to accelerate the austenite to BF transformation.[24]
Another approach to lower the alloying element content
but maintain a good combination of strength and
toughness is to consider, similarly to the standard TRIP
steels, a multiphase steel with optimized stability of RA.
It is well documented that the realization of the TRIP
effect depends on a combination of various microstruc-
tural characteristics, such as (1) the volume fraction of
the RA; (2) the morphology and size/thickness of the
RA crystals; (3) the carbon content of the RA; (4) the
location of the RA, if dealing with multiphase steel; and
(5) the dislocation density of the BF.[27,28] The lowering
of carbon content in the steel composition could be
partially compensated by the formation of low-carbon
polygonal ferrite and careful control of morphology and
distribution of phases in the microstructure.[29] The
effectiveness of this approach, in particular, will also be
evaluated in this work.
When the steels are used for automotive body parts,
they are subjected to the paint baking cycle at temper-
atures 423 K to 473 K (150 C to 200 C) for 20 to
30 minutes, resulting in an additional increment in yield
strength of approximately 100 to 200 MPa.[30–34] This is
an important contribution to in-service properties, such
as a low springback and improved dent and crash
resistance.[32] Extensive investigations have established
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the mechanisms and stages of the bake hardening
behavior of low carbon steels, which are controlled by
the amount of interstitial carbon atoms and the forma-
tion of Cottrell atmosphere and precipitations.[35,36]
Compared with the low carbon steels, the bake harden-
ing behavior in TRIP steels is expected to be more
complex in nature due to their complex multiphase
microstructure. Limited data showed that the bake
hardening behavior of the TRIP steels depend on the
processing methods and on the phase morphologies/
fractions resulting from their chemical composi-
tions.[34,37–39] It was proposed that the bake hardening
behavior is associated with the changes of the
dislocation substructure in the polygonal ferrite
matrix.[30–34,37,38] However, the information on the bake
hardening mechanism for the TRIP steels having a
predominantly bainite matrix with a high dislocation
density rather than a polygonal ferrite one is limited.[39]
Therefore, in-depth studies of solute segregation result-
ing from the prestrain and bake hardening (PS/BH)
treatment of such TRIP steels are warranted.
This article consists of two parts: the first one
addresses design and mechanical behavior of nanoscale
bainitic steels, whereas the second focuses on the expla-
nation of the influence of bake hardening on the
mechanical properties in TRIP steel with predominantly
bainitic microstructure. In both cases, application of
APT played a critical role in finding the answers to the
raised questions. Specifically, APT results explain the
improvement in work hardening behavior in lower
carbon Mo-alloyed nanobainitic steel compared to the
standard high carbon nanobainitic steel, as well as name
a weak carbon segregation to newly formed during
prestraining dislocations as the main reason for appear-
ance of the yield point on stress-strain curves of the
TRIP steel after bake hardening.
II. EXPERIMENTAL
The compositions of three steels used in the present
work are given in Table I. The nanostructured steel 1 was
reheated to 1423 K (1150 C) for 30 minutes, then
isothermally heat treated at 523 K (250 C) for 5 days
(7200 minutes) to form nanoscale bainite, and quenched.
On the other hand, the nanostructured multiphase steel 2
after reheating to 1273 K (1000 C) was subjected to a
more complex schedule in order to form polygonal ferrite
during the isothermal hold at 923 K (650 C) for
210 minutes and then nanoscale bainite at 573 K
(300 C) during 120 minutes hold followed by quenching.
TRIP steel 3 was produced by a standard cold rolling and
intercritical annealing processing. To study the effect of
thePS/BHtreatment on themechanical properties, tensile
specimens were machined from the steel 3 strip and
subjected to 4 pct prestraining in tension before bake
hardening at 453 K (180 C) for 30 minutes.
An INSTRON* 4500 servohydraulic tensile testing
machine with a 100-kN load cell and crosshead speed of
0.5 mm/min was used to measure the mechanical prop-
erties of the steels at room temperature. A series of up to
three tests were used to define the average values of
mechanical properties. The yield strength was defined by
the 0.2 pct offset stress (r0.2) method. The strain during
tensile testing was measured by extensometer. The bake
hardening response was measured as the strength differ-
ence between the upper yield strength after PS/BH
treatment and the strength value after 4 pct prestrain-
ing.[36]
X-ray diffraction analysis was performed using a
Rigaku D/max 2400 diffractometer (Rigaku Corp.,
Tokyo, Japan) (40 kV, 25 mA) equipped with a mono-
chromator using Cu Ka radiation to confirm the amount
of RA in the microstructure. Spectra were taken in the
range from 30 to 120 deg with a 0.02-deg step size. The
integrated intensities of the (200)a, (211)a, (200)c, and
(220)c peaks were used in the direct comparison
method.[40] The carbon concentration of the RA was
calculated from the lattice constant measured from the
(200)c and (220)c diffraction peaks and using the
following equation:[41]
ac ¼ 0:363067þ 0:0783= 1þ 0:2151 100=wt pctC 1ð Þð Þð Þ
 ð1þ 24:92 51= 1þ 0:2151 100=wt pct C 1ð Þð Þð Þ
 106 T 727ð Þ ½1
The microstructure was characterized using optical
metallography, transmission electron microscopy
(TEM), and APT. The samples for TEM and atom
probe studies were cut perpendicular to the deformation
(rolling) direction. Thin foils for TEM were prepared by
twin jet electropolishing using a solution of 5 pct
perchloric acid in methanol at 253 K (–20 C) and an
operating voltage of 50 V. Bright-field and dark-field
Table I. Chemical Compositions of Studied Steels
Steel C Mn Si Al Co Cr Mo Cu Ni P
Steel 1 Nanobainite wt pct 0.79 1.98 1.51 1.06 1.58 0.98 0.24 0.1 0.1 —
at. pct 3.48 1.9 2.85 2.08 1.42 1.0 0.13 0.09 0.08 —
Steel 2 Mo steel wt pct 0.3 2 1.96 — — 0.1 0.31 0.01 0.01 —
at. pct 1.2 1.9 3.8 — — 0.1 0.17 0.01 0.01 —
Steel 3 TRIP steel wt pct 0.21 1.64 1.38 0.04 — 0.03 0.01 0.01 — 0.2
at. pct 0.95 1.62 2.68 0.089 — — 0.005 0.009 — —
*INSTRON is a trademark of Illinois Tool Works Inc., Canton,
MA.
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images and selected area electron diffraction patterns
were obtained using PHILIPS CM 20**, operated at
200 kV. The dislocation density of the BF was calcu-
lated using the intersection method:
K ¼ 2NL=Lt ½2
where NL is the number of intersections with disloca-
tions, L is the length of random lines, and t is the foil
thickness. The two-beam convergent beam electron
diffraction (CBED) method was used to determine the
foil thickness (t). The thickness of the BF and RA layers
was measured by the intersection method using five
bright TEM images at a magnification of 38,000 times.
A standard two-stage electropolishing procedure[2]
was used to prepare the needle-shaped atom probe
samples using 33 pct nitric acid in methanol for the first
stage, followed by 2 pct perchloric acid in butoxyetha-
nol at 16 V. APT on steels 1 and 2 was conducted using
the Oxford nanoScience 3DAP (Oxford nanoScience
Ltd., Milton Keynes, UK) at the Monash Centre for
Electron Microscopy. The pulse repetition rate was
20 kHz, the pulse fraction was 0.2, and the sample
temperature was 60 K (–213 C). Atom probe experi-
ments on steel 3 were performed on a local electrode
atom probe (LEAP) located at the University of
Sydney, with a sample temperature of 80 K (–193 C),
a pulse repetition rate of 200 kHz, and a pulse fraction
of 0.2. The composition of various phases was obtained
from the volumes of interest free from any visible
element segregation (e.g., clusters, precipitates, Cottrell
atmospheres, and boundaries) based on the number of
atoms present after background noise was subtracted.
The maximum separation envelope method18 with
dmax = 1 nm was used to identify carbon segregation to
dislocations, clusters, and fine precipitates in polygonal
ferrite or BF. A minimum of 20 atoms was used for the
small clusters to eliminate random fluctuations. The
Guinier radii, rG, of clusters/fine carbides were calcu-
lated from radii of gyration (lg) data with the equation
rG = (5/3)lg.[2] Iso-concentration surfaces were also
used for better visualization of features of interest.
III. RESULTS AND DISCUSSION
A. Nanostructured Bainitic Steels
1. Mechanical properties
Steel 1 has shown high strength (~1900 MPa), but
relatively poor ductility (Table I). This was the main
reason for the design of steel 2. Reduction in carbon
content was expected to be partially offset by increased
Mo content in order to maintain a reasonable strength
level. At the same time, formation of the polygonal ferrite
in the microstructure should have a positive effect on
ductility. This approach was based on our previous
experience in the design of thermomechanical schedules
for TRIP steels,[7] where an excellent strength-ductility
balance was achieved. As could be seen fromTable II, the
strength and ductility balance improved in steel 2 com-
pared to that in steel 1. The still relatively high ultimate
tensile strength of ~1300 MPa was accompanied by an
increase in the total elongation from 8 pct in steel 1 to
13 pct in steel 2. In addition, work hardening was also
improved. The hardness measurements followed the
expected trend: Hv20kg = 579 ± 6 for steel 1 and
Hv20kg= 415 ± 4 for steel 2. In order to gain an
understanding of the obtained properties, detailed micro-
and nanoscale analyses of both steels were carried out.
2. Microstructure characterization
Optical micrographs show a fully bainitic microstruc-
ture in steel 1 (Figure 1(a)), whereas in steel 2, approx-
imately 20 pct of polygonal ferrite (PF) was also present
(Figure 1(b)). PF grains formed at prior austenite
boundaries and their sizes were within the 4- to 15- lm
range. The volume fractions of RA before and after
tensile testing were 20 ± 2 pct and 9 ± 1 pct for steel 1,
and 14 ± 2 pct and 5 ± 1 pct for steel 2, respectively.
Before tensile testing, the average carbon content in the
RA calculated based on XRD data was 7.5 at. pct
(1.7 wt pct) for steel 1 and 4 at. pct (0.91 wt pct) for
steel 2.
Formation of BF colonies in both steels is clearly
visible in Figures 2(a) and 3(a). Parallel arrangements of
BF laths with low-angle boundaries were in each colony.
The microstructure was finer in steel 1 compared to steel
2, with corresponding thicknesses of BF laths of
~0.16 ± 0.08 lm and ~0.3 ± 0.1 lm. The dislocation
density in BF laths was of the same order of magnitude
in both steels (~2 to 3 9 1015 m2). Fine thin films of
RA were observed between parallel laths of BF having
an average thickness of 0.03 ± 0.01 and 0.1 ± 0.06 lm
Table II. Mechanical Properties of the Steels
Steels
rUTS (MPa) ry (MPa) etotal (Pct) eu (Pct) BHR (MPa)
Steel 1 1900 ± 20 1600 ± 20 8 ± 1 7 ± 1 —
Steel 2 1300 ± 20 900 ± 15 13 ± 3 7.5 ± 1 —
Steel 3 as received 880 ± 15 608 ± 20 40 ± 2 30 ± 2 —
4 pct PS/BH 891 ± 15 803 ± 20 29 ± 2 21 ± 2 82 ± 2
rUTS: ultimate tensile strength, ry: yield strength, etotal: total elongation, eu: uniform elongation, and BHR: bake hardening response.
** PHILIPS is a trademark of FEI Company, Hillsboro, OR.
LEAP is a trademark of CAMECA, Gennevilliers, France.
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in steels 1 and 2, respectively (Figures 2(c), 2(d), 3(c),
and 3(d)). However, these RA layers were slightly
coarser than the lenticular RA crystals inclined under
~30 deg to them (Figures 2(c), (d), and 3(b)). The latter
ones were only 0.02- to 0.05-lm thick. In addition, some
relatively thick RA layers were twinned in steel 1
Fig. 1—Optical micrographs of (a) steel 1 and (b) steel 2.
Fig. 2—TEM microstructures of steel 1: showing (a) general view and (b) twinned RA indicated by arrows, (c) bright-field, and (d) dark-field
images of the lamella bainitic structure. Arrows in (c) indicate fine RA crystals oriented under ~30 deg to the main RA layers. The zone axis is
[125]c in inset, RA is retained austenite, and BF is bainitic ferrite.
METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 43A, NOVEMBER 2012—3961
(Figure 2(b)). The observed differences in microstruc-
ture coarseness are associated with the different tem-
peratures of isothermal heat treatment in these steels
and their compositions. For steel 1, at lower tempera-
ture of 523 K (250 C), there is not only a larger driving
force for nucleation of BF, but the formation of BF is
also restricted much earlier due to supersaturation of the
surrounding austenite with carbon diffusing out of the
BF. Each subsequently formed BF lath grows in carbon-
enriched austenite from the previous BF lath formation.
The driving force for displacive BF formation reduces
with the increase in the carbon content in austenite.
According to the incomplete bainite transformation
phenomenon, the reaction ceases before austenite
reaches it paraequilibrium composition.[42,43] Thus, in
the steel with higher carbon content, the attainment of
the condition with zero driving force for transformation
will be earlier than in the steel with much lower carbon
content. However, the fraction transformed increases
with lowered transformation temperature. Thus, two
competing factors (temperatures of transformation
523 K vs 573 K (250 C vs 300 C) and carbon content
of the steels (0.8 vs 0.3 wt pct)) defined the small
difference in the amount of the RA formed in each steel:
~20 pct in steel 1 and 14 pct in steel 2.
3. Atom probe analysis
A representative carbon atom map of steel 1 is shown
in Figure 4(a). The volumes of high and low carbon
concentrations are clearly visible, which, based on
compositional analysis, were identified as BF and RA
with compositions given in Table III. Both atom map
and iso-concentration surfaces (Figure 4(b)) also high-
lighted the presence of plate-like carbides in the BF. The
concentration profiles across the BF/RA interface also
showed the difference in C content between the phases,
whereas the concentrations of substitutional elements
were, within experimental error, the same in both phases
(Figures 4(c) through (h)). The spike in Si at the
interface was of the same magnitude as the ones present
Fig. 3—TEM micrographs of steel 2: (a) general view of BF packets and polygonal ferrite (PF); (b) subunits of parallel BF laths with low-angle
boundary orientations and RA layers, inclined to the main RA layers by about 30 deg and indicated by the arrows; and (c) bright-field and (d)
dark-field images showing the BF laths with thin RA films.
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Fig. 4—Atom probe analysis of steel 1: (a) C atom map, (b) 3 at. pct C iso-concentration surfaces, and (c) through (g) concentration profiles
across the BF/RA interface.
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within the BF. Thus, it could be concluded that no
unambiguous segregation of solute was visible at the
BF/RA interface.
These data are in agreement with previously reported
APT results on the absence of substitutional element
diffusion during BF formation[6,7,44] and support the
displacive mechanism of incomplete bainite transforma-
tion. The calculated and measured carbon contents in
the BF are compared in Figure 5(a). The measured
values for carbon content in BF and RA were obtained
from several APT runs from the areas of interest, and
their average values with standard deviation are shown
in Figure 5(a). The calculations of To and T
0
o were
carried out using MAP freeware.[45,46] The measured
carbon content in BF is significantly higher than that for
the para-equilibrium condition, but lower than T0o. It is
worth mentioning that the composition of phases was
determined in the volumes free of visible carbon
segregation, such as clusters, atmospheres at disloca-
tions, and boundaries. Thus, the remaining supersatu-
ration in carbon compared to the paraequilibrium value
could not be explained, as proposed previously by Stark
et al.,[47] by the trapping of carbon at dislocations.
However, it could be considered that trapping still takes
place, but the levels of carbon at dislocations are much
lower than those of Cottrell atmospheres and, thus, are
not identifiable by APT. The carbon content in austenite
is higher than To, but below its para-equilibrium phase
boundary value Ae03
 
. A significant variation in the
determined values is associated with non-uniform car-
bon enrichment of austenite crystals due to their
location and time of formation, as it was mentioned
previously the RA continues to be enriched in carbon
due to its rejection from supersaturated BF. These
above To values also indicate the incomplete bainite
transformation phenomenon, as bainite formation could
not take place when carbon content in austenite exceeds
To due to the absence of the required thermodynamic
conditions. The carbon content in the RA obtained by
XRD is at the upper boundary for the range of the
carbon concentrations determined by atom probe. This
is due to the XRD data accounting for the total carbon
content in the RA, including segregations at dislocations
and grain boundaries, whereas atom probe data were
obtained for the volumes free of any visible carbon
segregations. The calculations using THERMO-CALC
software (Thermo-Calc Software, Stockholm)[48] and the
Thermo-Tech Iron database[49] also showed that the
measured average value of carbon content in the RA is
higher than that predicted at 523 K (250 C) for
equilibrium conditions (Figure 5(b)).
APT examination of steel 2 (Figure 6) has allowed
analysis of all three phases present, e.g., PF, BF, and
RA. The determination of carbon content in each phase
was performed again only in the volumes of uniform
carbon distribution and resulted in 0.03 ± 0.003 at. pct
in PF, 0.4 ± 0.08 at. pct in BF, and 3.04 ± 0.03 at. pct
in RA. The carbon content in the PF was in agreement
with the para-equilibrium phase diagram and diffusion-
controlled mechanism of its formation. BF is also
supersaturated with carbon, but slightly to a lesser
extent than that in steel 1, probably due to the overall
lower carbon content in steel 2 and also the higher
transformation temperature, which accelerates carbon
diffusion out from the BF during its growth. Enrichment
of the RA with carbon was also significantly less than in
steel 1. Although the initial formation of the PF
accompanied by the diffusion of carbon back into
untransformed austenite partially compensated for the
lower carbon content in steel 2, carbon concentration in
the RA remained much lower than that in steel 1
(Table III). It is also of interest that a significant
segregation of carbon in the form of the partially
interconnected network was observed within the RA, as
seen in the 7.5 at. pct C iso-concentration surfaces
(Figure 6(e)).
In both steels in the BF, the formation of C-rich
clusters with 90 ± 5 at. pct, FeC8 carbides, Fe2.4C, and
other transition iron carbides with carbon content
varied from 40 to 60 at. pct was observed. In general,
Fig. 5—(a) Comparison of atom probe data with the calculated paraequilibrium phase diagram for the nanobainitic steel 1 and (b) calculated
variation of molar Gibbs free energy of austenite and ferrite for the same steel at 523 K (250 C).
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the estimated carbon level in the clusters/fine precipi-
tates is overestimated by the maximum separation
envelope method (by 25 to 40 pct) due to the aggressive
removal from the surface of iron atoms. This is
especially significant for the finest clusters with rG ~ 1
to 2 nm, which have a high proportion of surface to
volume atoms.[21] However, as has been recently shown
by neutron diffraction studies and ab initio calculations,
the composition of cementite continuously varies with
temperature having Fe3Cx composition due to low
energy for carbon vacancies formation.[50] The presence
of various nonstoichiometric iron carbides and their
transition was also predicted using first-principles calcu-
lations, and was associated with the possible stabilization
by coherency strains with the surrounding iron-rich
matrix.[51] Due to the difference in the processing
Fig. 6—Atom probe analysis of steel 2: (a) C carbon map of polygonal ferrite (PF), (b) C carbon map of carbide-free bainite and (c) correspond-
ing 3 at. pct C iso-concentration surfaces, (d) C carbon map of RA, and (e) corresponding 7.5 at. pct iso-concentration surfaces.
Table III. Composition of Phases in Nanostructured Bainite Steel 1 Determined Using APT (At. Pct)
Phase C Mn Si Al Co Cr Mo Cu Ni
BF 0.56 ± 0.09 1.71 ± 0.06 3.88 ± 0.08 2.8 ± 0.09 1.75 ± 0.06 1.12 ± 0.06 0.09 ± 0.02 0.04 ± 0.008 0.06 ± 0.02
RA 6.45 ± 0.8 1.87 ± 0.07 3.85 ± 0.18 2.63 ± 0.07 1.78 ± 0.09 1.21 ± 0.06 0.10 ± 0.01 — 0.01 ± 0.004
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schedule and the higher Mo content, a larger variety of
carbides was present in steel 2 compared with steel 1. In
addition to the formation of clusters and precipitates in
the BF, a significant number was detected in the PF of
steel 2. The summary of these carbide compositions is
given in Figure 7(a), and the representative concentra-
tion profiles across a carbide containing ~70 at. pct Fe, 6
at. pct Mo, and 20 at. pct C with traces of Mn are shown
in Figures 7(b) through (d). A Si buildup is also visible
at one side of the carbide/matrix interface (Figure 7(d)).
This is consistent with the previous report on Si buildup
at the cementite/ferrite interface observed by Chang and
Smith using field ion microscopy[52] and supports the
theory proposed by Owen[53] on suppression of cement-
ite formation in Si-containing steels due to the rejection
of low soluble Si from cementite and its buildup in front
of the moving cementite/ferrite interface. For cementite
formation to take place, diffusion of Si atoms from the
interface into the ferrite matrix is required. However,
the activation energy for Si diffusion in bcc iron is within
the range of 227 to 233 kJ/mol,[54,55] which is comparable
with the activation energy of 229 kJ/mol for cementite
formation.[53] The composition of clusters/fine precipi-
tates in the PF was as follows: 60 to 80 at. pct C-rich
C-Mo-Fe clusters, precipitates of (Mo, Fe)2C and
possibly (Fe, Mo)7C3. According to the THERMO-
CALC calculations, M6C-type carbides could form
during a holding time at 923 K (650 C), whereas
formation of M7C3 takes place below 673 K (400 C),
e.g., during the isothermal hold temperature of 573 K
(300 C).
4. Comparison of the mechanical behavior
of nanobainitic steels
As was addressed previously, steel 1 displayed very
high strength and low elongation, whereas steel 2 had a
much better combination of strength and ductility. The
main difference in the microstructures of both steels is
the presence of ~20 pct of PF in steel 2, which being a
softer phase contributes to the load transfer between the
phases and makes the steel more ductile. However, this
still would not account for such a difference in the
elongation for both steels. As atom probe data revealed,
the carbon content in the RA of steel 1 was more than
Fig. 7—(a) Evolution of cluster/fine precipitate composition with size in the polygonal ferrite of steel 2; and (b) Fe, C, and Mo, (c) Mn, and (d)
Si concentration profiles across a representative fine Fe-Mo-C carbide.
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double that in the RA of steel 2. In addition, the
majority of the RA layers were coarser in steel 2
compared to the ones in steel 1. It is well known that the
RA is subject to both chemical and mechanical stabil-
ization.[27,56,57] In order for transformation to martens-
ite to take place under the load, the size of the RA
should be sufficient for the martensite nuclei to form and
its carbon content should be an intermediate one. If the
carbon content is too low, then the RA will transform
very quickly on initial loading and will not contribute
significantly to the work hardening and ability of the
steel to withstand the load. However, if the carbon level
is too high, then transformation to martensite will not
happen at all. As we could see from the micro- and
nanoscale analysis, both mechanical and chemical sta-
bilization of the RA in steel 1 could take place to a
larger extent than those in steel 2. XRD data have also
confirmed that whereas only ~30 pct of the RA
remained untransformed in steel 2 after tensile testing,
nearly 50 pct of RA was still present in steel 1. These
findings explain the observed low ductility in steel 1 and
support the earlier suggestion on the strong effect of
chemical composition of the RA in nanostructured
bainitic steels on their ductility.[58]
B. TRIP Steel 3
1. Micro- and nanoscale analysis
In the as-received condition, the microstructure of the
steel consists of ~30 ± 3 pct polygonal ferrite,
~56 ± 3 pct bainite, ~10 ± 3 pct RA with an average
carbon content of 1.21 ± 0.04 wt pct, and the remaining
martensite (Figure 8(a)). The average polygonal ferrite
grain size was 3 ± 1.5 lm. Based on XRD data, after
PS/BH treatment, the volume fraction of RA was
reduced from ~10 pct in the as-received condition to
~8 pct in PS/BH state. In addition, the PS/BH treatment
leads to an increase in average carbon content of RA to
1.28 ± 0.04 wt pct. From TEM micrographs, it is clear
that bainite colonies are present in the microstructure
(Figure 8(b)) with carbide-free morphologies of granu-
lar bainite (Figure 8(c)) and dominant arrangements of
parallel BF laths with interlayers of RA (Figure 8(d)).
APT analysis revealed the presence of carbon-rich
clusters, fine iron carbides, and carbon segregation at
dislocations in polygonal ferrite of as-received steel
(Figure 9). An example of a rod-like Cottrell atmo-
sphere is shown from two perpendicular directions in
Figures 9(c) and (d). A concentration profile across the
Fig. 8—(a) Optical and (b) through (d) bright-field TEM micrographs showing the microstructure of TRIP steel 3. PF is polygonal ferrite, BF is
bainitic ferrite, and RA is retained austenite.
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atmosphere indicates that the C content at its center is
about 6 at. pct (Figure 9(b)). Analysis has shown that
the concentration of carbon at dislocations was in the 5
to 9 at. pct range. In addition, the majority of clusters
were detected within the PF and BF crystals; however,
iron carbides were associated with Cottrell atmospheres.
After PS/BH treatment, the APT showed a significant
increase in the number of observed Cottrell atmospheres
at dislocations both in PF and BF (Figure 10). There
was also a significant spread in the carbon concentra-
tions within the atmospheres ranging from 3 to 14 at.
pct. A representative concentration profile of such
atmosphere with high carbon content is given in
Figure 10(c). Representative atmosphere with low seg-
regation of carbon is denoted by CA2 in Figure 10(a).
From 4 at. pct C iso-concentration surfaces
(Figure 10(b)), it is also clear that low and non-uniform
carbon distribute in such an atmosphere. Formation of
iron carbides was also evident on the high carbon
atmospheres (Figure 10(a)). Analysis of the carbide
composition revealed that the carbon content was
~21 at. pct, which is slightly lower than 25 at. pct
carbon content in Fe3C. This could be explained, as
mentioned previously, by carbon vacancy formation in
cementite.[50] Evolution of cluster/fine precipitate com-
position as a function of size for both studied conditions
is shown in Figure 11. As seen from Figure 11, the C
content in clusters has a similar dependence on cluster
size when the sizes are smaller than 3 nm in both
conditions. In these fine clusters, the C content varies
from ~80 to 95 at. pct, which is close to the composition
of FeC8. However, the steel in the as-received condition
contains transition carbides of 3- to 4- nm size with 35 to
65 at. pct C content, whereas no transition carbides
were observed in the steel after PS/BH. When the
carbide size is above rG = 11 nm, its composition is
close to that of Fe3C (Figure 11). These coarse
carbides also contain traces of Mn. Slightly coarser
Fe3C carbides were present after PS/BH treatment
(Figure 11(b)). Similar trends in cluster/fine carbide
compositions were previously reported for bake-hard-
ened thermomechanically processed TRIP steels[15,21]
and DP steels.[10]
2. Mechanical behavior
Figure 12 shows the engineering stress-strain curves
of the steel in both as-received and PS/BH states. The
steel in both conditions exhibits a good combination of
Fig. 9—(a) C-rich clusters in the as-received steel. All matrix atoms were removed with the maximum separation envelope method with
dmax = 1 nm. (b) Concentration profile of C across the selected Cottrell atmosphere, and (c) and (d) corresponding C atom map of the selected
Cottrell atmosphere showing the shape of the atmosphere from two perpendicular directions.
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Fig. 10—(a) C-rich clusters and (b) corresponding 4 pct C iso-concentration surface in a bainite matrix in the steel after PS/BH treatment and
(c) concentration profile of C across the selected Cottrell atmosphere. All matrix atoms were removed with the maximum separation method
with dmax = 1 nm. CA1 is representative pre-existing Cottrell atmosphere with iron carbides, and CA2 is an example of newly formed Cottrell
atmosphere after PS/BH treatment. Note the difference in C concentration within CA1 and CA2.
Fig. 11—Compositions of the major alloying elements of the clusters/precipitates in (a) the as-received steel and (b) after PS/BH treatment as a
function of their Guinier radii. The error bars are based on the number of atoms in each cluster.
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strength and ductility. In the as-received condition, the
steel shows a continuous yielding behavior. The strain
hardening rate decreases in a continuous exponential
(inset). However, a distinct yield point phenomenon is
observed in the steel after PS/BH treatment. After yield
point elongation, the flow stress starts to increase until
necking occurred. The strain-hardening rate of the steel
after PS/BH treatment decreases sharply to negative
values and then starts to increase at around 0.65 pct true
strain. The obtained mechanical properties in both
conditions are summarized in Table II. The PS/BH
treatment leads to a significant increment in yield
strength of ~200 MPa and a noticeable bake hardening
response of ~82 MPa.
It is noted that the PS/BH treatment changed the
yielding behavior of TRIP steel from continuous yield-
ing in the as-received condition to discontinuous yield-
ing in the PS/BH state (Figure 12 inset). The yielding
point on stress-strain curves generally occurs as a result
of the dislocations unlocking from Cottrell atmospheres
by a high stress or for the case of a strong pinning by
fine precipitates, by creating new dislocations. Though a
number of Cottrell atmospheres exist in the studied steel
in both as-received and PS/BH states, these Cottrell
atmospheres may play different roles in the yielding
phenomenon. A relatively low quantity of the Cottrell
atmospheres could not play a leading role in yielding in
the as-received condition. In addition, iron carbides
were observed on Cottrell atmospheres present in the
as-received condition (Figure 9), which results in strong
locking of dislocations and prevents their unlocking
under tensile stress. In contrast, there is distinct evidence
of a large number of Cottrell atmospheres in the steel
after PS/BH treatment (Figure 10), both pre-existing
with high carbon concentration and iron carbides
(CA1 in Figure 10(a)) and newly formed (CA2 in
Figure 10(a)). It could be speculated that a high number
of freshly formed dislocations during prestraining were
decorated with carbon atmospheres during bake hard-
ening. This weak locking of dislocations by Cottrell
atmospheres plays an overwhelming role in the yielding
phenomenon after PS/BH treatment. The presence of a
local minimum on the strain-hardening rate curve
(Figure 12 inset) proves that the dislocation unlocking
process is responsible for the observed yield point drop
in this steel, contrary to the mechanism of the formation
of new dislocations in the TRIP steels with a high
volume fraction of polygonal ferrite.[17,34]
IV. CONCLUSIONS
Application of APT to study nanobainitic steels
allowed us to elucidate the alloying element redistribu-
tion between phases and gain insight into the mecha-
nism of phase transformations.
Better strength-ductility balance was achieved in Mo
steel containing polygonal ferrite in addition to nanoba-
inite, which is associated with (1) less stability of the RA
due to lower C content contributing to the TRIP effect
and (2) additional solid solution and cluster/precipita-
tion strengthening due to alloying with Mo.
A yield point phenomenon is observed in intercriti-
cally annealed C-Mn-Si TRIP steel after prestraining/
bake hardening treatment. It is suggested that disloca-
tion unlocking from the weak, newly formed during
bake hardening Cottrell atmospheres is responsible for
this.
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